However, most of the sodium-ion electrodes show both reduced capacity and redox voltage with respect to their lithium counter parts. [4] Thus, advanced electrode materials with greater specific capacity, higher cell voltage, better rate capability, and long cycle life while being low cost and nontoxic are sorely needed. [5] O3-type layered sodium transition metal oxides derived from their lithium-based homologs LiCoO 2 , LiNi 1−x−y Mn x Co y O 2 , LiNi 1−x−y Co x Al y O 2 , etc., are being widely studied as positive electrode material for Na-ion batteries. [6] Sodium-based O3-type layered oxides having a high reversible capacity were reported with a wide variety of transition metal ions. [7] [8] [9] However, these materials show numerous phase transitions during sodium deinsertion/insertion (charge/discharge) resulting in poor capacity retention on long-term cycling. The major phase transition associated with these materials is the transition from O3 to P3 [9, 10] with the corresponding structures shown in Figure S1 (Supporting Information).
Introduction
Electrochemical energy storage devices have become indispensable part of life and introduction of lightweight Li-ion batteries made it easier to store and restore electrical power wherever it is needed. The major advantage of Li-ion batteries relies on their large energy density and excellent cycling/calendar life. However, owing to the foreseen electric vehicle (EV) market demand for longer autonomy, the research toward higher energy density electrode materials is being intensively pursued. [1] In contrast, cost rather than energy density is the overriding factor regarding large storage systems for grid applications. [2] In this regard, sodium-ion batteries stand as serious contenders. [3] This happens via a simple gliding of the MO 2 layer without breaking/making of MO bonds, [11] which when repeated upon subsequent charges/discharges is detrimental to the cell performance, hence leading to severe capacity decay during cycling. Moreover, the hexagonal O3 ⇔ monoclinic O'3 ⇔ hexagonal P3 transition occurs at a low voltage (<3 V vs Na + /Na 0 and ≈2.5 V vs hard carbon) in most of the O3 NaMO 2 materials reported so far. [8] Based on application, this is quite penalizing in terms of energy density as almost 40-50% of the total capacity lies in the low voltage region.
To circumvent these issues inherent to the O3 NaMO 2 materials, a specific design strategy is needed. Herein, we present a strategy relying on chemical substitution and consisting in the making of O3-type NaMM'O 2 phases where M and M' are redox active and inactive metal ions, respectively. We centered our interest toward the previously reported O3 NaNi 0.5 Mn 0.5 O 2 phase [10, 14] and envisioned to replace Mn 4+ by a non-transition metal ion such as Sn 4+ which is larger than Mn 4+ (0.69 Å vs 0.53 Å). Besides size, our choice for Sn 4+ is also nested in its inability to interact with oxygen through its d orbitals, hence reducing orbital overlap and favoring charge localization in the metallic layer. This effect, combined with the concomitant increase of bond ionicity, should be beneficial to increase the redox potential as well documented. [15] Second, increasing the ionic nature of the crystal lattice is expected to destabilize the P3 phase which deviates from the Pauling's third rule by sharing faces between NaO 6 and MO 6 polyhedra. [11, 16] The destabilization of P3 phase could therefore suppress the phase transition from O3 to P3.
Thus, a series of NaNi 0.5 Mn 0.5−y Sn y O 2 phases with y = 0-0.5 were prepared and analyzed for their structural and electrochemical properties through experimental and computational techniques. The NaNi 0.5 Sn 0.5 O 2 composition is shown to display an average cell voltage of 3.1 V versus hard carbon with a single-phase transition and better performances than its NaNi 0.5 Mn 0.5 O 2 counterpart in terms of energy density, longterm cycling, and rate capability.
Results and Discussion
All NaNi 0.5 Mn 0.5−y Sn y O 2 (y = 0-0.5) materials were prepared by classical solid-state synthesis using a slight excess of Na/Ni (5%) ratio to avoid/reduce the formation of NiO impurities in the material. The collected X-ray powder diffraction (XRD) patterns shown in Figure 1 confirm the formation of O3-NaNi 0.5 Mn 0.5 O 2 phase (y = 0). The progressive substitution of Mn by Sn initially results in a broadening of the Bragg peaks for y = 0.1 and 0.2 suggesting a biphasic domain further confirmed by the successful fitting of the patterns by two phases having close lattice parameters ( Figure S2b ,c , Supporting Information). These broad peaks were found to sharpen and shift toward lower angles with increasing the Sn content, indicative of a solid solution for compositions ranging from y = 0.3-0.5 with a gradual volume increase expected by the substitution of smaller Mn 4+ (0.53 Å) by larger Sn 4+ (0.69 Å) (Vegard's law). Worth mentioning is that, independent of the synthesis parameters tried (various annealing times, temperatures, and cooling rates) we could not obtain the y = 0.1 and 0.2 samples as single phase.
Moreover, interesting to note is the presence of NiO impurities mainly in the y = 0, 0.1, and 0.2 that could never be eliminated independently of the excess of Na 2 CO 3 used, suggesting a lower solubility of Mn and Ni in comparison to Sn and Ni due to the size difference between Ni 2+ (0.69 Å) and Mn 4+ (0.53 Å) ions. The XRD patterns of NaNi 0.5 Mn 0.5−y Sn y O 2 (y = 0, 0.3-0.5) were refined using hexagonal cell typical to that of O3 NaMO 2 phase (Figure S2 and Table S1 , Supporting Information) in the R-3m space group. The obtained lattice parameters are plotted in the inset of Figure 1 where both a and c show a monotonous increase with increasing the amount of Sn 4+ in the structure. The increase in the a lattice indicates an equal increase in the Na-Na distance and hence the reduction of Na-Na intralayer repulsions with Sn substitution. Equally, we find over the same composition range, an increase in the O-O interlayer distances from 3.646 Å (NaNi 0.5 Mn 0.5 O 2 ) to 3.658 Å (NaNi 0.5 Sn 0.5 O 2 ) as calculated from the refined structures. Such Sn-driven lengthening of the O-O distances could help in reducing the O-O interlayer repulsions and improves the phase stability over a wide range of sodium stoichiometry, provided that the oxygen charge increases in a lesser extent than the MO bond lengths.
To check for a possible presence of Ni/Sn ordering within the metal layers in NaNi 0.5 Sn 0.5 O 2 , we performed transmission electron microscopic (TEM) analysis. Electron diffraction in Single-phase members of the NaNi 0.5 Mn 0.5−y Sn y O 2 series were first electrochemically tested in sodium half-cells that were started in oxidation and cycled over the 4 to ≈2.5 V potential window at a C/10 rate ( Figure  3a) . For the Sn-free NaNi 0.5 Mn 0.5 O 2 phase (y = 0) the charge-discharge voltage profile shows a staircase-type variation associated with multiple phase transitions as previously reported. [10] Such accidental profile smoothens with increasing the Sn 4+ substitution as shown in the derivative dQ/dV plots ( Figure  3b ). This is indicative of the progressive disappearance of the structural transitions with the tin end-member NaNi 0. To test the structural stability of the Sn-substituted phases against oxidation, we have carried out in situ XRD analysis of the NaNi 0.5 Sn 0.5 O 2 by charging the material to 4 V during the first cycle and to 4.2 V on the following cycle. The collected XRD patterns reported in Figure 5a indicate a thorough reversibility of the pristine structure irrespective of the voltage window used. Moreover, it is solely after the removal of ≈0.5 sodium that the pristine O3 phase undergoes a phase transition from O3 to P3 phase via a biphasic process occurring over a narrow Na composition domain (<0.05). This is in total contrast with the poor structural stability of O3 NaNi 0.5 Mn 0.5 O 2 which fully transforms into the P3 phase after the removal of solely 0.2 sodium ( Figure S6 , Supporting Information).
The evolution of the lattice parameters, during the first charge and discharge of an in situ XRD Na/Na x Ni 0.5 Sn 0.5 O 2 cell, is plotted in Figure 5b as a function of the Na content x together with those deduced from in situ X-ray measurements of the Na/Na x Ni 0.5 Mn 0.5 O 2 half-cell cycled under the same conditions. Note that the c lattice expansion observed upon charging Na x Ni 0.5 Sn 0.5 O 2 and Na x Ni 0.5 Mn 0.5 O 2 is indicative of an increased O-O repulsion between the MO 2 layers during sodium removal. [9] Larger amounts of Na + are removed from Na x Ni 0.5 Sn 0.5 O 2 as compared to Na x Ni 0.5 Mn 0.5 O 2 (0.5 vs 0.1 Na + ) before the gliding of the MO 2 layers is triggered. Lastly, both samples show a mono tonous decrease of the a lattice, as expected from the metal ion oxidation and the resulting size contraction.
To evaluate the attractive performance of the NaNi 0.5 Mn 0.5−y Sn y O 2 samples associated with the improved structural stability provided by Sn 4+ substitution, we have assembled sodium-ion full cells using hard carbon as negative electrode (Figure 6 ). All cells show nearly the same Na + uptake/ release (≈0.5 sodium per formula unit) with an average voltage that progressively increased from 2.8 V for pure manganese (y = 0) to 3.01, 3.05, and 3.1 V for y = 0.3, 0.4, and 0.5 as deduced by dividing the total cell energy by specific capacity. The energy density of the materials in Figure 6b shows a maximum of 335 Wh kg −1 for the lightest NaNi 0.5 Mn 0.5 O 2 electrode and relatively lesser 290, 280, and 270 Wh kg −1 for the heavier Sn-substituted electrodes. However, the capacity retention for the same cells in Figure 6c shows an excellent capacity retention exceeding 85% after 200 cycles for the Sn-rich phases NaNi 0.5 Mn 0.5−y Sn y O 2 , y = 0.5-0.3, as compared to ≈74% for the Sn-free NaNi 0.5 Mn 0.5 O 2 phase; all materials showed a Coulombic efficiency of >99.5% ( Figure S7 , Supporting Information). Such a drop in cycle life for NaNi 0.5 Mn 0.5 O 2 is mainly associated with the partial irreversibility of the phase transition on continuous cycling, as explained in Figure S8 (Supporting Information). Based on application, the NaNi 0.5 Mn 0.5 O 2 is additionally penalized by delivering 40% of its capacity at voltages lower than 2.5 V. At this stage, the best compromise in terms of electrode composition is NaNi 0.5 Mn 0.1 Sn 0.4 O 2 that shows a reversible capacity of 91 mA h g −1 (2-3.8 V vs hard carbon) and an energy density of 280 Wh kg −1 (cell voltage = 3.05 V) with a capacity retention of 85% after 200 cycles.
These results show that the substitution of Mn 4+ by Sn Figure 7b ) and by the same token an increase in the NiO bond ionicity and redox potential. [15] To better understand such increased charge density on oxygen with Sn 4+ substitution, the projected density of states is drawn for NaNi 0.5 Sn 0.5 O 2 and NaNi 0.5 Mn 0.5 O 2 (Figure 7c ). In the case of the NaNi 0.5 Mn 0.5 O 2 , we observe an overlap between Ni, Mn, and O states near the Fermi level, signature of a covalent system with delocalized electrons. On the contrary, in NaNi 0.5 Sn 0.5 O 2 , electron delocalization in the metallic layers is partially lost due to the absence of interacting d orbitals. This indicates Sn-O forms an ionic bond leading to a higher charge on the oxygen, as computed for the Sn substituted compounds. The average voltages computed for NaNi 0.5 Sn 0.5 O 2 and NaNi 0.5 Mn 0.5 O 2 are systematically higher for the Sn-substituted material, whatever is the cationic order considered in the structure, and are in good agreement with our experimental results (see Figure S9a in the Supporting Information). One should note that these findings correlate well with the well-known inductive effect [17] since the charge (δ-) on oxygen is increased by Sn substitution, hence leading to a higher redox potential. Nevertheless, in the present case, the increase in "oxygen electronegativity" is not due to the formation of XO covalent bonds, as in polyanionic systems, [17] but arises from the narrowing of the metallic bands due to less efficient d-d overlap in the metallic layer. DFT calculations were also used to get some insights into the origin of the delayed O3-P3 transition and the suppression of the O'3 and P'3 phases during Na removal in NaNi 0.5 Sn 0.5 O 2 as compared to NaNi 0.5 Mn 0.5 O 2 . From previous literature, it is well established that O3 phase having reduced O-O interactions is the most stable among the O3 and P3 phases with therefore the feasibility to stabilize the P3 phase by favoring Na-Na ordering and hence minimizing the Na-Na repulsion. [11] Thus, the relative energies of P3-Na x Ni 0.5 Mn 0.5 O 2 and P3-Na x Ni 0.5 Sn 0.5 O 2 phases were computed for different Na-ordering leading to different Na-Na distances and different Na-M environments (see Figure S9b in the Supporting Information for calculation details). First, we considered (i) Na in the triangular lattice that is quite similar to the Na arrangement in O3 phase (Na-Na distance = a = 3 Å) and (ii) Na in the hexagonal lattice that is specific to the P3 phase (Na-Na distance = a*(2/√3) = 3.5 Å). [13] The results show (Figure 7d ) that the Na ordering with higher Na-Na distance (≈3.5 Å) is slightly preferred (small energy gains ≈15 meV per FU) to the one with smaller Na-Na distance (3 Å), for both Sn-and Mn-substituted materials. Such a stabilization of the P3 structure with Na ordering contrasts with the results obtained for different Na environments namely (i) Na in Ni-rich environment (Na shares one face and two edges with Ni and one edge with Mn/Sn) and (ii) Na in Mn/Sn-rich environment (Na shares one face and two edges with Mn/Sn and one edge with Ni). The P3 Na 0.5 Ni 0.5 Sn 0.5 O 2 structure having Na in Sn-rich environment (Figure 7e ) is now highly destabilized compared to Ni-rich environment (|ΔE| ≈ 45 meV per FU) showing that Na prefers sites with Ni-rich environment in presence of Sn. This site discrimination is not observed in Na 0.5 Ni 0.5 Mn 0.5 O 2 phases, where both Ni-rich and Mn-rich environments lead to equivalent energies within 5 meV per FU difference. Having shown experimentally that Sn is disordered in the structure by STEM (Figure 2 ), such Sn-driven occupation of Na in Na 0.5 Ni 0.5 Sn 0.5 O 2 reduces the P3 phase stability that was shown to stabilize by Na-vacancy ordering as reported previously. It delays the O3 ⇔ P3 phase transition till the removal of ≈0.5 Na for NaNi 0.5 Sn 0.5 O 2 in comparison to 0.2 Na for NaNi 0.5 Mn 0.5 O 2 . The phase transitions to P'3 and O'3 have been reported to be triggered by concomitant Jahn-Teller distortions and Na ordering. [18] Since Ni 3+ Jahn-Teller distortion is feasible in both Mn 4+ and Sn 4+ substituted compounds, the suppression of these phase transitions in the Sn compound (NaNi 0.5 Sn 0.5 O 2 ) is mainly related to the absence of cooperative Na ordering for reasons mentioned above.
Taken together these results indicate that Sn 4+ , owing to its large size and its tendency to favor electron localization in the metallic layer, increases the redox potential and delays the Nadriven phase transitions in Na-based layered oxides having the O3 structure. It is now of interest to check whether this strategy based on the use of chemical substituents with a filled d (4d 10 , therefore to provide better capacity, was shown to lead to a slight increase in potential. [19, 20] However, the reported O3 NaNi 0. 5 is quite less stable and the removal of solely 0.2 Na is sufficient to trigger the O3-P3 phase transformation as compared to 0.5 for the Sn series. [19] This emphasizes the complexity in finding the perfect tradeoff between redox potential and phase stability to tune the O3-Na(NiM)O 2 phases and the success associated with the Sn 4+ substitution in solving both the issues.
Furthermore, we tried to address the two other recurrent problems of the layered O3 NaMO 2 phases, namely (i) poor rate capability and (ii) moisture sensitivity. Usually, the O3 NaMO 2 phases show limited rate capability and this is explained by considering the sodium-ion diffusion path between two octahedral sites which needs to go through an intermediate tetrahedral site viewed as a bottleneck. [21] Additionally, the various phase transitions triggered by the removal of Na ions from the O3 structures create different phase boundaries that could further penalize the electrode impedance. However, we hypothesize this effect to be minimum with the NaNi 0.5 Sn 0.5 O 2 system since it undergoes a single O3 ⇔ P3 phase transition through Na removal. Considering the complexity in calculating the ionic and electronic conductivities as a function of x in Na x Ni 0.5 Sn 0.5 O 2 , we relied on rate capability measurements to indirectly provide some insights into this issue. These Lastly, to analyze the moisture sensitivity of NaNi 0.5 Sn 0.5 O 2 , we have exposed the material to moist air with a relative humidity (RH) of 60% and recorded the evolution of its XRD pattern as a function of time. No observable change in the XRD pattern was obtained till 1 h of exposure; however, a new phase whose structure is quite similar to that of birnessite, having water molecule in between the layers, starts to appear on prolonged exposure (>3 h) (Figure 8b ). [22] Such Na + /H 3 O + exchange or H 2 O insertion could be facilitated due to the increased interlayer distance of Sn-substituted materials. The water uptake for the 3 h exposed sample was confirmed by thermo gravimetric analysis (TGA) coupled with mass spectrometry which shows two weight losses at 150 °C and >300 °C associated with the departure of H 2 O (m/z = 18) and CO 2 (m/z = 44), respectively ( Figure S12 , Supporting Information). Thus, powders of electrodes made out of the NaNi 0.5 Sn 0.5 O 2 phases, in spite of their elevated (3.2 V) redox potential, will have to be handled in dry conditions. This result is somewhat intriguing in light of recent literature results claiming that copper substitution increases the redox potential of layered Na-based materials to 3.2 V while enhancing their moisture stability. [23] Interesting questions remain to be answered in this context: What is the specific role of Cu and how can it affect the acid basicity of the materials surface and why is Sn more prone to hydration? Answering these questions call for setting a reliable experimental protocol to benchmark various Na-based layered phases against reactivity toward moisture so as to define trends. This is critical for the predictive design of novel water stable Na-based layered oxide electrodes.
Conclusion
We have reported the chemical substitution of Mn 4+ by larger and (d 10 ) non-transition metal ion such as Sn 4+ in O3-NaNi 0.5 Mn 0.5 O 2 as an attractive strategy to simultaneously increase the redox voltage and delay the O3 ⇔ P3 phase transition during cycling. The fully substituted NaNi 0.5 Sn 0.5 O 2 phase shows a redox potential of ≈3.2 V versus Na + /Na 0 as compared to solely 2.8 V for NaNi 0.5 Mn 0.5 O 2 . Moreover, the Snbased phase was found to show enhanced stability against the O3 ⇔ P3 transformation which did not occur till the removal of 0.5 sodium from the structure as compared to 0.2 for the Mnbased phase. Among the series NaNi 0.5 Mn 0.5−y Sn y O 2 (y = 0-0.5), the composition NaNi 0.5 Mn 0.1 Sn 0.4 O 2 was practically identified as the most interesting owing to its capacity (91 mA h g −1 ), energy density (280 Wh g −1 ), and capacity retention (85% after 200 cycles). Nevertheless, a remaining hurdle pertaining to this Sn-based phase is still its moisture sensitivity. Understanding and solving this water reactivity is quite complex, but worth is to spend some time owing to the practical interest that such phases could offer. In future, it will also be of great interest to systematically investigate the effects of chemical substitutions having (d 0 ) and (d 10 ) configuration shells.
Experimental Section
Synthesis: All compounds were prepared by solid-state synthesis. The metal oxides, manganese(IV) oxide (MnO 2 , Aldrich), nickel(II) oxide (NiO, Aldrich), tin(IV) oxide (SnO 2 , Aldrich), and sodium carbonate (Na 2 CO 3 , Aldrich), were mixed in their respective stoichiometric ratio and homogenized by hand grinding for 20 min. The homogenized powders were ball milled for 1 h in spex mixer mill with the material to ball ratio of 1:20 by weight. The ball-milled precursor mixture is heated in air at 850 °C for 12 h followed by regrinding and calcination in argon at 900 °C for 12 h. The heating and cooling rates were maintained at 5 and 1°C min −1 , respectively. The second calcination step is carried out in argon in order to avoid the materials exposure to air during cooling.
Structural Characterizations: The recovered materials were analyzed by powder X-ray diffraction analysis in Bruker D8 advanced diffractometer using a Cu K α radiation source. The powder XRD patterns were refined using Fullprof program. [24] High-resolution TEM analysis was performed in an FEI Titan 3 cubed microscope operated at 200-300 kV. EDX-STEM analysis was performed using a super-X detector on the FEI Titan 3 , as well as on an FEI Osiris TEM. The specimen for TEM was prepared by grinding it using an agate mortar and pestle in an-argon filled glove box and putting it on a copper grid covered with holey carbon. It was subsequently transferred to the TEM chamber using a Gatan vacuum transfer holder, preventing contact with air.
Electrochemical Characterizations: Electrochemical tests were carried out in Swagelok-type sodium half-cells and CR2032 coin cells for full cell studies. Powder NaNi 0.5 Mn 0.5−y Sn y O 2 ball milled with 15% super P carbon black (TIMCAL) is used as a positive electrode without any binder additive. Sodium metal, pressed into a stainless-steel current collector disc, is used as a negative electrode for half-cells. Hard carbon electrode of mass ≈5.5 mg cm −2 coated on aluminum foil is used as a negative electrode for full cell studies. In both cases, we used an electrolyte made by dissolving 1 m NaPF 6 (sodium hexafluoro phosphate) in PC (propylene carbonate), with in the case of half-cells the addition of 3% FEC (fluoro ethylene carbonate) by weight. The cycling rates were calculated using the theoretical capacity of the material for removing 1 sodium as 1 C.
DFT + U Calculations: Spin-polarized DFT calculations were performed using the plane-wave density functional theory VASP (Vienna ab initio simulation package) code [25] within the generalized gradient approximation of Perdew−Burke−Ernzerhof to describe electron exchange and correlation. [26] The rotationally invariant Dudarev method (DFT + U) [27] was used to correct the self-interaction error of conventional DFT for correlated d electrons. All calculations were performed on a structural model constructed with one layer of 8 Na and one layer of 8 TM (TM = Ni, Sn, or Mn). Three different cation orderings were considered among the Ni/Sn and Ni/Mn distributions. For structural relaxation, the conjugate gradient method was used until the energy varies by less than 0.1 meV and the atomic forces by less than 0.02 eV Å −3 . The plane-wave cutoff of 600 eV was used and a 3 × 6 × 6 Monkhorst pack sampling for Brillouin zone integration.
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